Abstract The present paper discusses some important aspects of precipitation and ordering in alloy systems that show a martensitic transformation and can or are used as shape memory or superelastic metallic systems. The precipitates are investigated by a variety of conventional and advanced electron microscopy techniques, including atomic resolution, 3D slice-and-view, energy loss spectroscopy etc. Depending on the system, such secondary phases can decrease the probability of a displacive transformation by changing the phase stability in the system, such as in the case of Ni-Al or Ni-Ti-Pd, or can mechanically hinder the passage of the transformation interface, as in Ni-Ti-Nb. On the other hand, properly controlling the nucleation and growth of some precipitates can strongly improve the properties of some types of materials, as is the case for the well-known Ni 4 Ti 3 precipitates.
Introduction
The appearance of shape memory (SM) and superelasticity (SE) behaviour in selected alloys is based on the diffusionless and reversible martensitic phase transformation. According to the classification scheme first presented by Cohen et al. [1] , this type of transformation implies a homogeneous lattice-distortive strain (as apposed to shuffle movements), which transforms one Bravais lattice into another one. Moreover, the strain needs to be shear dominated (as opposed to dominated by dilatations) so that an undistorted line exists between the parent and product phase. For a genuine martensitic transformation, the kinetics and morphology also need to be dominated by the strain energy (as opposed to being due to atom vibrational displacements). Typical examples of alloys accommodating this type of transformation are low-carbon steel, some Cu-based alloys and Ni-Ti-based systems (although many other systems exist as well). However, for alloys to perform properly in the functional circumstances of shape memory and superelasticity as required by the conditions of a particular application, the system needs to be trained under well-defined thermal and mechanical conditions. As a result of this training (and especially its thermal component), the micro-and sometimes also the nanostructure of the alloy can become very complex, often including the precipitation of (meta)stable secondary phases in the form of precipitates, ordered structures etc. Without these particular structural features, the requested shape memory and superelastic behaviour would often not occur (or at least not to the satisfaction of the user), but since they are also often more stable than the metastable martensite phase, they can overrule the displacive martensitic transformation so the competition and interactions between the different structures need to be understood very well.
In the present paper, the focus will be on the use of advanced scanning and transmission electron microscopy (S/TEM) techniques used for the characterisation of such micro-and nanostructures. For a first example we return to conventional high-resolution TEM (HRTEM) and to the Ni-Al system, an alloy was heavily investigated in the second half of the previous century to understand the physical properties and driving forces of the (pre-)-martensitic transformation. In the second example, various more advanced S/TEM examples aiming for better quantification of the all important but metastable Ni 4 Ti 3 precipitates in near-equiatomic Ni-Ti will be discussed. For some last examples, we focus on precipitates occurring in ternary Ni-Ti-based systems, such as Ni-Ti-Pd and NiTi-Nb. For technical details on the sample preparation and used microscopy techniques, we refer to the respective papers.
Results and Discussion
Ni 5 Al 3 in Ni-Al For a long time, the Ni-rich part of the Ni-Al system, i.e. between 62 and 66 at.% Ni, was considered as a potential candidate for high-temperature SM behaviour since the transformation temperatures, although strongly depending on concentration, can go up to several hundreds of centigrades [2] . However, as is clear from the phase diagram originally published by Bradley and Taylor [3] and later refined by several others (see, e.g. [4] ), when treating or operating the material at elevated temperatures up to 700°C, the stable Ni 5 Al 3 structure nucleates in the austenite B2 matrix and this new structure does not transform to martensite so no SM behaviour exists anymore. In fact, the basic lattice of this orthorhombic Ni 5 Al 3 structure strongly resembles that of the tetragonal L1 0 martensite, the main difference being the accompanying diffusional component yielding a unit cell four times as large by doubling the shortest and one of the longest axes of the martensite cell and yielding twice as many variants [5, 6] . As a result, the nucleation of this structure is also accompanied by the formation of so-called self-accommodating structures in which the internal strain is minimised by the combination of several variants. In Fig. 1 an example of such a configuration is shown as observed at low magnification HRTEM in a Ni 62.5 Al 27.5 sample annealed for 2 h at 550°C and in which all three possible deformation variants are combined in two by two wings extending from a central nucleation point [5] . Despite the highly symmetric shape combining different variants and seen when observing the surrounding matrix along a h111i B2 direction, the accommodation is not perfect and the matrix-precipitate interfaces contain equidistant interfacial dislocations to accommodate the remaining interfacial lattice mismatch between the two structures. Assuming the Ni 5 Al 3 structure has its expected stoichiometric concentration, which equals the nominal composition of the Ni 62.5 Al 27.5 alloy, the nucleation and growth of these precipitates are only accompanied with local short range atom diffusion and will not influence the concentration of the surrounding matrix. As a result also the (low) transformation temperature and martensite 14M fine structure will be the same as for the original material [7] . Furthermore, according to the phase diagram, when continuing the annealing for longer times, the entire B2 austenite matrix will transform into this stable twinned Ni 5 Al 3 structure and no martensitic transformation can be observed anymore. When annealing quenched material with slightly higher Ni concentrations, e.g. Ni 65 Al 35 , which is in the martensite state even at these elevated temperatures (e.g. 550°C), the martensite lattice reorders directly into the Ni 5 Al 3 structure, again stopping the possibility for any further displacive transformations [8] . In this particular system, the nucleation and growth of the ordered Ni 5 Al 3 structure thus strongly hinder potential applications as SM or SE system, certainly at elevated temperatures.
Ni 4 Ti 3 in Ni-Ti
In contrast to the disturbing effects of the nucleation and growth of the Ni 5 Al 3 structure in Ni-Al, the Ni 4 Ti 3 precipitates nucleating in near-equiatomic Ni-rich Ni-Ti material are very important for the martensitic transformation and related SM and SE effects [9] . Although these precipitates are metastable and will thus disappear after prolonged annealing times, controlled thermo-mechanical treatments can create particular configurations of lenticular [6] Ni 4 Ti 3 precipitates in which the latter can act as nucleation sites of the transformation and support the SM behaviour at the microscopic level [10] . Moreover, due to the difference in concentration between the precipitates and the matrix and the resulting decrease of Ni in the latter upon precipitation, the annealing will stabilise the matrix concentration and thus the transformation temperatures, which are also in this system strongly dependent on composition [9, 11, 12] .
Using the multislice least squares (MSLS) method, we first determined the exact atomic structure of well-developed Ni 4 Ti 3 precipitates in a Ni 52 Ti 48 alloy solution treated at 950°C for 30 min followed by water quenching and ageing for 4 h at 520°C [13] . In this method, electron diffraction intensities measured by a calibrated CCD are compared with simulated dynamical intensities calculated using the multislice method [14, 15] . By optimising the match between the experimental and calculated intensities, including the thickness and small misalignments as unknown parameters, site occupations and small atom shifts can be determined. As a result, the atomic positions of the Ni 4 Ti 3 unit cell are refined, as shown in Fig. 2a , with no change in the R-3 symmetry of the earlier proposed unit cell [13] . The new unit cell also provides a better match between simulated and experimental high-resolution images, as seen in Fig. 2b . The observed atom shifts are found to be compatible with the lattice deformation by which the h111i B2 direction is compressed and the lens shaped precipitates are formed on {111} B2 planes.
As a result of the collapse of one set of {111} B2 planes upon formation of the Ni 4 Ti 3 precipitates, a strain field develops surrounding the precipitate. Since the martensitic transformation upon cooling can nucleate at these precipitates, often in the form of the intermediate R-phase [10, 16] , this strain field is of vital importance for the SM and SE behaviour. From single-conventional high-resolution TEM (HRTEM) images of small precipitates produced in a Ni 51 Ti 49 alloy subjected to a heat treatment of 1 h at 950°C followed by water quenching and subsequently aged for 4 h at 450°C, the strain gradient in the surrounding matrix could be measured in 2D [17] , while by combining two conventional HRTEM images obtained from different B2 zone axes, a 3D deformation matrix could be determined [18] . The symmetry and parameters of the latter correspond well with the transformation matrix of the R-phase, suggesting that this strain field indeed supports the R-phase nucleation at the precipitate-matrix interface. An example of a 2D strain map surrounding two nearby nanoprecipitates and obtained by geometric phase analysis (GPA) [19] from a HRTEM image is shown in Fig. 3a . At the same time, due to Ni enrichment in the precipitate, the surrounding matrix is depleted in Ni. This could be shown by spot-probe energy dispersive X-ray analysis (EDX) and electron energy loss spectroscopy [13] (EELS) measurements, again in solution treated Ni 51 Ti 49 but now annealed for 4 h at 500°C, which revealed a small Ni-depleted region next to the precipitate and of approximately the same dimension as the latter [20] (Fig. 3b) . Lowering the Ni content can also trigger the martensitic transformation, but recent results attribute a stronger effect to the strain field [21] .
EELS was also used on the same sample to determine the elastic moduli of the metastable Ni 4 Ti 3 precipitates, by measuring the plasmon energy and comparing this with the value for the matrix as reference as shown in Fig. 3c [22] . As a result, it was concluded that the precipitates have a Young's modulus of 163 ± 4 GPa, about 38 % higher than that of the matrix, in other words, the precipitates are harder than the matrix explaining why they are not deformed during the martensitic transformation of the austenite.
Although these intrinsic properties of a single Ni 4 Ti 3 precipitate embedded in austenite B2 matrix are very relevant for understanding the transformation behaviour at the atomic scale, the macroscopic SM and SE behaviour will be more affected by the actual overall configuration and organisation of the Ni 4 Ti 3 precipitates. For example, in polycrystalline samples, the heterogeneity of the nucleation and growth of Ni 4 Ti 3 precipitates have been found to yielding various kinds of multistep transformations due to the existence of different areas of precipitates with various sizes and density [23] [24] [25] [26] . Close to the grain boundary of grains of several microns in diameter, many small precipitates exist, while the interior of the grains exhibits none or fewer but larger precipitates, resulting in different transformation paths and Ms temperatures in those different regions. In order to quantify these microstructures in three dimensions, 3D slice-and-view was performed in a FIB/SEM yielding clear numerical differences between the various regions. In Fig. 4a the 3D configuration of the 4 families of micron-sized Ni 4 Ti 3 precipitates observed in the centre of a large grain in a Ni 50.8 Ti 49.2 alloy solution treated at 1000°C for 1 h, water quenched and annealed for 1 h at 550°C, is shown, while Fig. 4b shows the gradient from this region (right side) when moving closer to the grain boundary area (left side) with more but smaller precipitates [27, 28] .
Moreover, when a material is annealed under stress, the Ni 4 Ti 3 precipitates grow on preferential 111 B2 planes so that ultimately only one family of precipitates will survive. In a single crystal sample of Ni 51 Ti 49 annealed under h111i B2 stress (10 h, 550°C, 50 MPa), the 3D investigation revealed box-like stackings of parallel precipitates as seen in Fig. 4c [29] . As a result, the martensite plates are Fig. 3 a GPA map showing the strain gradients next to the long edges of Ni 4 Ti 3 nanoprecipitates: the matrix is taken as a reference (green), the precipitates show a 1-2 % compression (blue), while the strongest relaxation (1-3 %) occurs alongside the long edges of the precipitates (red to yellow). b EDX Ni-map of two crossing precipitates with an averaged trace revealing Nidepletion next to the precipitate. c EELS plasmon of the precipitate and austenite matrix [20, 22] (Color figure online) strongly directed in between these parallel precipitates, although no long pathways exist, again affecting the macroscopic behaviour [16] . A similar phenomenon occurs in porous Ni 50.8 Ti 49.2 material, aged for 6 h at 500°C, where the stress field surrounding micron-sized pores can induce directional preference in the growth of the Ni 4 Ti 3 precipitates, as seen in Fig. 5 [30] .
Ni-Ti-X Ternary Systems
When binary Ni-Ti is alloyed with a third element, particular combinations of precipitates can occur depending on the solubility of the third element. For example, Ni 30 Ti 50 Pd 20 is investigated in the search for materials with low hysteresis and where the systematic replacement of Ni by Pd gradually changes the lattice parameters of the austenite and martensite so as to reach the k 2 = 1 condition needed for minimal hysteresis [31] . In this system, several precipitation zones with different variants of tetragonal (C 11b ) Ti 2 Pd(Ni) platelets in the austenite B2 matrix surrounding a single ellipsoid Ti 2 Ni(Pd) particle exhibiting a cubic (Fd3m) structure were observed (Fig. 6) [32] . Outside of this precipitation zone, the material is in its martensite B19 phase. It is assumed that during the annealing at 800°C for 5.5 h and the following quench to room temperature local In the grain at the edge of the pore, the precipitates are aligned and belong nearly all to the same family, as also seen from the diffraction inset, while in the next grain (left side) precipitates of all variants have comparable sizes [32] fluctuations of the B2 matrix composition lead to the precipitation of Ti 2 Ni(Pd) particles accompanied by a precipitation of Ti 2 Pd(Ni) platelets in their immediate surroundings. Upon cooling, the B2 phase is retained in the immediate surroundings of the central Ti 2 Ni(Pd) precipitate since Ms is locally lowered due to a Pd depletion and/or a strengthening of the matrix by the coherent Ti 2 Pd(Ni) precipitates. Obviously, such local fluctuations and precipitation not only influence the local transformation but also hamper the search for the delicate balance between composition and lattice parameters.
On the other hand, in the Ni-Ti-Nb system, the third element is added to increase the hysteresis. In this case, the Nb has very low solubility in the Ni-Ti matrix and a eutectic structure with Nb-rich particles is formed. Still, some Nb is retained in the matrix and depending on the cooling or annealing conditions this Nb further precipitates into nanoparticles. Although there is a large lattice misfit of 10 % between the Nb-rich precipitates and the Ni-Ti matrix, both bcc-based structures, there is a one-to-one correlation between the respective lattice orientations with the lattice misfit being accommodated by interface dislocations every 10/11 {110} lattice planes of the precipitate and matrix, resp., as seen in Fig. 7a . This accommodation is very efficient so that only very little remaining strain inside the B2 matrix is observed. Although several investigations indicate that the response of the soft Nb-rich eutectic has the most pronounced effect on the transformation characteristics [33, 34] , also these smaller precipitates can play an important role. Not only do they reduce the Nb content of the matrix, thus affecting the transformation temperatures via the concentration dependence [35] , but they also hamper the movement of the transformation front as seen in the captured image of an in situ TEM annealing sequence where the austenite-martensite interface is seen to be halted by rows of precipitates formed in a commercial (Ni-Ti)Nb 8.4 alloy extruded and quenched from 900°C (Fig. 7b) [36] . The latter already nucleate as aligned nanoscale precipitates along cubic directions of the austenite matrix in homogenised and quenched samples as seen in Fig. 7c .
Conclusions
In conclusion it can be stated that the formation of secondary phases by short or long-range diffusion, often as nano-sized precipitates, can have a profound effect on the shape memory and superelastic potential of a material undergoing a martensitic transformation. Depending on the case at hand, such secondary phases can decrease the probability of a displacive transformation by changing the phase stability in the system or can mechanically hinder the passage of the transformation interface. On the other hand, properly controlling the nucleation and growth of some precipitates can strongly improve the properties of some types of materials. Fig. 7 a GPA of Nb-rich nano-sized precipitate in Ni-Ti-Nb revealing equidistant interface dislocations (as hotspots) accommodating the 10 % lattice mismatch between precipitate and matrix.
b Austenite-martensite interface blocked by rows of nano-sized precipitates. c Two nanoprecipitates aligned along a cubic austenite direction [35, 36] (Color figure online) 
